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Manifestations of Dynamic Strain Aging in Soft-Oriented 
NiAl Single Crystals - 


M.L. WEAVER, M.J. KAUFMAN, and R.D. NOEBE 


The tensile and compressive properties of six NiAl-base single-crystal alloys have been investigated 
at temperatures between 77 and 1200 K. The normalized critical resolved shear stresses (CRSS/E) 
and work-hardening rates (0/£) for these alloys generally decreased with increasing temperature. 
However, anomalous peaks or plateaus for these properties were observed in conventional purity 
(CPNiAl), Si-doped (NiAl-Si), C-doped low Si (UF-NiAll), and Mo-doped (NiAl-Mo) alloys at 
intermediate temperatures (600 to 1000 K). This anomalous behavior was not observed in high- 
purity, low interstitial material (HP-NiAl). Low or negative strain-rate sensitivities (SRS) also were 
observed in all six alloys in this intermediate temperature range. Coincident with the occurrence of 
negative strain-rate sensitivities was the observation of serrated stress-strain curves in the CPNiAl 
and NiAl-Si alloys. These phenomena have been attributed to dynamic strain aging (DSA). Chemical 
analysis of the alloys used in this study suggests that the main specie responsible for strain aging in 
NiAl is C but indicate that residual Si impurities can enhance the strain aging effects. The corre- 
sponding dislocation microstructures at low temperatures (300 to 600 K) were composed of well- 
defined cells. At intermediate temperatures (600 to 900 K), either poorly defined cells or coarse 
bands of localized slip, reminiscent of the vein structures observed in low-cycle fatigue specimens 
deformed in the DSA regime, were observed in conventional purity, Si-doped, and in Mo-doped 
alloys. In contrast, a well-defined cell structure persisted in the low interstitial, high-purity alloy. At 
elevated temperatures (>1000 K), more uniformly distributed dislocations and sub-boundaries were 
observed in all alloys. These observations are consistent with the occurrence of DSA in NiAl single- 
crystal alloys at intermediate temperatures. 


I. INTRODUCTION 

SEVERAL manifestations of strain aging have been 
identified as playing a role in the deformation of polycrys- 
talline and single-crystal NiAl. They include the following: 
(I) the occurrence of yield points; [, ^ ] (2) serrated 
stress-strain curves; 115 ” 101 (3) strain-rate sensitivity minima; 
mm 2] (4) yi e jd stress plateaus as a function of temperature; 
[,3] (5) the occurrence of local maxima or plateaus in plots 
of work-hardening rate (6) as a function of temperature; 
[n 141 and (6) flow stress transients on changes in strain- 
rate. 1 l2J 51 Despite these observations, the significance of 
strain aging and its influence on the mechanical properties 
of NiAl have, until recently, been largely ignored. Lately, 
Hack and co-workers 15 69 16-181 have observed that the frac- 
ture toughness of soft-oriented single crystals is extremely 
sensitive to heat treatments in the 473 to 673 K range. For 
example, they observed that slow cooling through this tem- 
perature regime resulted in brittle specimens with low frac- 
ture toughness (*»4 MPaVm), whereas fast cooling resulted 
in an increased fracture toughness (^ 16 MPaVm) and more 
ductile behavior. They attributed the reduction in ductility 
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during slow cooling to static strain aging (SSA), which is 
a time-dependent process that results when solute atoms 
segregate to the strain fields around dislocations causing 
pinning. Similar observations have been made for poly- 
crystalline NiAl. For example, Margevicius et al. l2] ob- 
served that sharp upper yield points can be induced in 
conventional-purity binary NiAl by furnace cooling a cast 
and extruded or prestrained alloy from 1 1 00 K to room tem- 
perature. Furthermore, Weaver et a/.i |4 15 ,9 - 2, J showed that the 
magnitude of the yield point increased with aging time ac- 
cording to a relationship in conventional purity and car- 
bon-doped NiAl, and reported the occurrence of serrated 
flow. Further evidence supporting the occurrence of strain 
aging was provided by the observations of serrated flow in 
these same conventional purity NiAl polycrystals and single 
crystals at elevated temperatures (>700 K) and the lack of 
such serrations in high-purity materials. 15 69 15-18 221 

The purpose of this article is to thoroughly describe the 
dynamic strain aging (DSA) behavior observed in NiAl sin- 
gle crystals and to identify the species responsible. To ac- 
complish these objectives, nominally stoichiometric NiAl 
single crystals with differing interstitial contents were stud- 
ied. Since dilute additions of reactive elements have been 
reported to retard the strain-aging behavior in body-cen- 
tered cubic (bcc) metals, an alloy intentionally doped with 
Mo also was investigated to analyze the role of a strong 
gettering agent on the strain-aging behavior of NiAl single 
crystals. Because Si is a common impurity in conventional- 
purity NiAl single crystals due to interaction with alumina- 
silicate shell molds during directional solidification, an 
alloy containing an intentional addition of Si also was in- 
vestigated to ascertain the role of this substitutional impu- 
rity on the deformation behavior of NiAl. 
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Table I. Chemical Compositions and Crystallographic Orientations of the Single-Crystal Alloys Examined in This Study 


Alloy Ingot 

[hki] 



At. Pet 




Interstitials (At. Ppm) 


Ni 


Al 

Mo 

Si 

C 

O 

N 

S 

HP-NiAI UT-HP2 

[123] 

50.2 ± 

0.2 

49.8 ± 0.2 

— 

0.04 

76 

40 

24 

<10 

CPNiAl-1 D5-553 

[123] 

50.6 ± 

0.2 

49.2 ± 0.2 

— 

0.17 

112 

87 

<6 

Ha 

CPNiAl-2 D5-1273 

[110] 

50.4 ± 

0.2 

49.4 ± 0.2 

— 

0.15 

209 

612 

<6 

Gl 

UF-NiAll UF-001 

[123] 

50.3 ± 

0.2 

49.3 ± 0.2 

— 

0.01 

136 

132 

15 

Gfl 

NiAl-Mo D52-783 

[123] 

50.0 ± 

0.2 

49.8 ± 0.2 

0.11 

0.23 

558 

316 

25 


NiAl-Si UF-003 

[110] 

50.4 ± 

0.2 

49.3 ± 0.2 

— 

0.29 

220 

95 

12 

mm 


Ni and A1 Analysis performed using wet chemistry/titration techniques, relative accuracy ± 1 pet. 

Mo Analysis performed on a flame atomic absorption emission spectrophotometer, Perkin-Elmer model 5000 (Perkin-Elmer Physical Electronics, 

Eden Prairie, MN), relative accuracy ± 5 pet. 

C and S Analysis performed on a simultaneous carbon/sulfur determinator, LECO Corporation (St. Joseph, MI), model CS-244, relative accuracy ± 

10 pet. 

N and O Analysis performed on a simultaneous nitrogen/oxygen determinator, LECO Corp., model TC-136 or model TC-436, relative accuracy ± 10 
pet. 

Si Analysis performed on an ultraviolet/visible spectrophotometer, Shimadzu, Columbia, MD, model UV-I60, relative accuracy ± 10 pet. 


II. EXPERIMENTAL 

One Mo-doped (NiAl-Mo), one Si-doped (NiAl-Si), and 
three nominally stoichiometric NiAl (CPNiAl-1, CPNiAl-2, 
and UF-NiAll) single-crystal slabs were grown under an ar- 
gon atmosphere by a Bridgman procedure. Slabs CPNiAl-1, 
CPNiAl-2, and NiAl-Mo were produced at General Electric 
Aircraft Engines (Cincinnati, OH), using alumina-silicate 
shell molds and measured 25 X 32 X 100 mm. Slabs UF- 
NiAll and NiAl-Si were produced at the University of Flor- 
ida (Gainesville, FL) using high-purity alumina crucibles and 
measured 25-mm diameter X 60- mm length. A low intersti- 
tial, high-purity ingot of stoichiometric NiAl (HP-NiAl), 25- 
mm diameter X 50-mm length, was produced via a 
containerless electromagnetic levitating zone process at the 
University of Tennessee (Knoxville, TN). All slabs were ho- 
mogenized at 1589 K for at least 1 hour in argon, followed 
by furnace cooling to room-temperature prior to machining 
into test specimens. 

Postprocessing chemical analyses were conducted using 
the techniques deemed the most accurate for the particular 
elements. The results of these analyses are listed in Table 
I. The crystals were oriented using the back-reflection Laue 
technique and either ground into round button-head tensile 
specimens parallel to the (123) axis or (EDM) wire cut into 
cylindrical compression specimens parallel to the (123) or 
(110) axis. Specimen dimensions were (1) 3.1 and 30.0 mm 
for the tensile gage diameter and gage length and (2) 3.0 
mm and 6.4 mm for the compression sample diameter and 
height, respectively. All tensile specimens were electropol- 
ished prior to testing in a 10 pet perchloric acid-90 pet 
methanol solution that was cooled to 208 K. 

All mechanical tests were performed on an Instron Model 
1 125 load frame at constant crosshead velocities corre- 
sponding to initial strain rates ranging from 2.8 x 10~ 5 s" 1 
to 2.8 X 10"* s" 1 . Tests between 300 and 1 100 K were run 
in air by heating the samples in a clamshell-type resistance 
furnace. Testing below room temperature was accom- 
plished in compression by cooling in liquid baths. True 
stress-strain data were calculated from the load-time plots 
and yield stresses were determined by the 0.2 pet offset 
method. During some of the elevated-temperature com- 
pression tests, strain was measured using a clip-on strain 
gage extensometer attached to a compression cage. The 


strain-rate sensitivity (SRS) was determined by increasing 
the strain rate by a factor of ten from the base strain rate 
at fixed plastic strain intervals. The quantity extracted from 
these experiments was the SRS, s = Ao/A In £. 

Samples for transmission electron microscopy (TEM) 
were cut from the tested tensile or compression specimens 
with a low-speed diamond saw and twin-jet electropolished 
in a solution of 70 pet ethanol, 14 pet distilled water, 10 
pet butylcellusolve, and 6 pet perchloric acid at 273 K, 
25V, and 0.15 mA. The TEM examinations were conducted 
in a modified JEOL* 100C microscope operating at an ac- 

*JEOL is a trademark of Japan Electron Optics Limited, Tokyo. 

celerating voltage of 120 kV. 


III. RESULTS 

A. Composition and Microstructure 

The results of the chemical analyses indicated that within 
experimental accuracy, the Ni and Al contents of the six 
alloys are not significantly different from one another. The 
major differences between the materials are the residual Si, 
C, O, and N contents and the addition of 0. 1 at. pet Mo to 
NiAl-Mo, which resulted in the formation of coarse precip- 
itates (Figure 1). The results of energy-dispersive spectro- 
scopic analysis and TEM microdifffaction indicated that 
these particles were Mo 2 C. The presence of silicon in NiAl- 
Mo, CPNiAl-1, and CPNiAl-2 has been attributed to reac- 
tion between the melt and the ceramic shell molds during 
processing. The lack of Si in UF-NiAll has been attributed 
to the use of arc-melted as opposed to vacuum-induction- 
melted feed stock and the use of higher purity crucibles 
during directional solidification. 

B. Mechanical Properties 

The temperature-dependent properties (i.e., critical re- 
solved shear stress at 0.2 pet strain (CRSS), work-hardening 
rate evaluated over the range 0.2 to 1.8 pet plastic strain, 
and SRS evaluated at 1.8 and 5.0 pet plastic strain have 
been determined for all six alloys and are summarized in 
Figures 2 and 3. Work-hardening and SRS parameters were 
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Fig. 1 — Precipitates observed in NtAl-Mo: (a) bright-field TEM 
micrograph of Mo 2 C precipitates in NiAl-Mo; (£) TEM microdiffraction 
pattern illustrating an orientation relationship of [1 1 l] NlA //ll l20] Mtur and 
(01 1 ) NSA //(0001 ) Mo2< between the precipitate and NiAl matnx; (c) a 
schematic representation of (b); and (d) SEM EDS spectra for one of the 
precipitates indicating that they contain Mo and C. 


not measured at higher strains due to limited tensile duc- 
tility at lower temperatures and due to pronounced barreling 
after approximately 5.0 pet deformation in compression. 
Figure 2 shows the temperature dependence of the CRSS 
at 0.2 pet plastic strain and the work-hardening character- 
istics for all six alloys. The work-hardening characteristics 
of these materials have been evaluated from the average 
work-hardening rate (0 = Act/ Ac). As noted by Kocks, (23] 
in most materials, flow stress and 0 decrease in a monotonic 
fashion with increasing temperature, in part because the 
shear and elastic moduli also decrease with increasing tem- 
perature and contribute negatively to the flow stress. Con- 
sequently, in cases where the temperature dependence of 
the elastic modulus, for example, is sufficiently negative, 
relatively slight positive contributions from DSA can be 
masked by modulus effects. As a result, the work-hardening 
and CRSS results presented in Figure 2 have been normal- 
ized with respect to the elastic modulus E. Since no 
estimates of E for (123)-oriented single crystals (£, 23 ) were 
available, it was assumed that E m was equivalent to E for 
<1 1 l)-oriented single crystals (£ m ), as determined by Was- 
ilewski 1241 (re., £ m = £,,,). 


In agreement with prior investigations on single-crystal 
and polycrystalline NiAl as reviewed in References 13, 25, 
and 26, both the CRSS/£ and the OIE generally decreased 
with increasing temperature. However, in CPNiAI-1, 
CPNiAl-2, UF-NiAll, NiAl-Mo, and NiAI-Si, apparent pla- 
teaus or peaks were observed in the temperature range of 
650 to 1000 K. In HP-NiAl, however, no such plateau was 
observed, in agreement with the previous observations on 
a similarly processed material. 1 11 5>27] Figures 4 and 5 show 
portions of load-elongation curves for NiAI-Si, HP-NiAl, 
and UF-NiAll following uniaxial deformation and strain- 
rate change tests performed at various temperatures. In 
NiAI-Si (Figure 4), serrated flow was observed in the 
load-elongation curves at temperatures below those asso- 
ciated with the apparent plateaus or peaks in CRSS. Similar 
observations were made in CPNiAl-1 and CPNiAI-2, while 
no serrated flow was observed in UF-NiAl 11, NiAl-Mo, or 
in HP-NiAl. The occurrence of serrated flow has been pre- 
viously reported in NiAl. 15-7 * 9 173 Since serrated flow can be 
associated with DSA and the Portevin— Le Chatelier (PLC) 
effect, the SRS has been deduced from strain-rate change 
tests. The temperature dependence of the strain-rate sensi- 
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Fig. 2— Temperature dependence of the normalized CRSS at 0.2 pet strain and work hardening rate, Q/E t for NiAl single crystals: (a) HP-NiAl; ( b ) 
CPNiAl-1; (c) CPNiAl-2; (d) NiAI-Mo; (e) UF-NiAll; and (/) NiAl-Si. 


tivity is presented in Figure 3. For all six alloys, SRS ex- 
hibits distinct local minimums in the temperature ranges 
300 to 400 K (low temperature) and 600 to 800 K (inter- 
mediate temperature), with s actually becoming negative for 
CPNiAl-1, CPNiAl-2, and NiAl-Si at 1.8 pet and at ~5.0 
pet strain in the intermediate temperature range. Coincident 
with those temperatures where a negative SRS was ob- 
served was the occurrence of the aforementioned serrated 
yielding. In addition to the studies mentioned previously, 
recent independent analyses of conventional-purity NiAI ll6J8) 
and NiAl-Si* 28 * 291 have confirmed the occurrence of serrated 
flow at intermediate temperatures. In addition, Winton et 
a/.,* 28 * 291 who have performed strain-rate change experiments 
on NiAl-Si at higher strains, have confirmed the existence 


of a pronounced SRS minimum at intermediate tempera- 
tures where SRS approached zero but tended to remain 
slightly positive. In UF-NiAll and NiAI-Mo, where SRS 
remained positive, flow stress transients in the form of 
sharp upper yield points were observed, whereas no such 
transients were observed in HP-NiAl in this temperature 
regime. In the low-temperature interval, however, diffuse 
flow-stress transients were consistently observed in HP- 
NiAI and in UF-NiAll with the later exhibiting the most 
pronounced effects (Figures 5(b) and (c)). No low temper- 
ature transients were exhibited by CPNiAl-1, CPNiAl-2, 
NiAI-Mo, or NiAl-Si. 

Serrated yielding typically occurred after a small critical 
plastic strain e c . The temperature T and strain-rate i de- 
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Fig. 3 — Temperature dependence of SRS for NiAl single crystals: (a) HP-NiAI; 
Si. 


(b) CPNiAl-1; (c) CPNiAl-2; (d) NiAI-Mo, (e) UF-NiAll; and (/) NiAl- 


pendence of £ c for CPNiAl-1, CPNiAl-2, and NiAI-Si is 
shown in Figure 6. Serrations occur in only certain l and 
T regimes. Within these regions, the magnitude of £ c in- 
creased with increasing i. The magnitude of £ c also was 
dependent upon temperature. Increasing T resulted in a 
steady decrease in £ c to a local minimum, followed by a 
rapid increase with further increases in temperature. A 
clearer indication of the conditions under which serrated 


flow occurs is shown in Figure 7, which maps the strain- 
rate— temperature regime where serrated flow occurs in 
CPNiAl-1, CPNiAl-2, and NiAI-Si. Using the classification 
scheme of Rodriguez, 1301 the serrations in the region where 
a negative temperature dependence of the critical strain was 
observed could be predominantly classified as a mixture of 
type C, while the lower temperature (/.e, below 800 K) 
serrations could be classified as type B (Figure 4(a)). Both 
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Fig. 4 — The effect of temperature on the shape of the flow curves in Si- 
doped NiAl deformed at e — 2.8 X 10 _s s’ 1 . (a) and ( b ) NiAI-Si following 
uniaxial deformation and strain-rate change experiments conducted near 
5 pet plastic strain. Note the transition from type-B serrations at lower 
temperatures to type-C serrations at higher temperatures and strains. 
Similar flow curves were observed for CPNiAl-1 and CPNiAI-2. 
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types of serrations are characteristic of unlocking of pinned 
dislocations and are associated with discontinuous defor- 
mation band propagation. 

In this investigation the activation energy Q for serrated 
flow was ascertained via three distinct methods. In the first 
method, the critical plastic strain was related to £ and T by 
the following equation: 130311 

el m +» = Ke exp (Qf R7) [1] 

where m and are exponents related to the variation in 
vacancy concentration C v and mobile dislocation density p m 
(/>., C v * €" and p m a ef), AT is a constant, and R and T 
have their usual meanings. The exponent ( m + 0), deter- 
mined from the slope of the plot of In £ vs In e c at a constant 
temperature (Figure 6(a)), was in the range 0.93 to 1 .27 for 
CPNiAI-1, CPNiAl-2, and NiAl-Si. The activation energy 
is then determined from a plot of In e c vs l/RT (Figure 
6(b)) 132331 (/.e., Q = slope X (m + /3)). This method pro- 
duces activation energies in the range 71 to 94 kJ/mol for 
the onset of serrated flow over the temperature range where 
£ c decreases with increasing temperature. 

In the second method, Q can be determined from the 
slope of an Arrhenius plot of In £ vs 1/RT for conditions 
where serrated yielding occurs. In this case, the onset lines 
marking the beginning of serrated flow in Figure 7 for 
CPNiAl-1, CPNiAl-2, and NiAI-Si were used. 1331 This 
method yields an activation energy ranging from 66 to 75 
kJ/mol . 

Finally, the activation energy for serrated flow can be 
determined from the stress-drop technique. 133 341 For this 
method, the magnitude of the stress drop Act accompanying 
serrated flow is measured at a given strain for a range of 
£ and T and plotted as indicated in Figure 8(a). A constant 
value for A a is then selected from which the £ correspond- 
ing to this Act is determined for each temperature. The re- 
sulting £ is then plotted as a function of 1 IT and Q is 
determined from its slope (i.e. f Q = -(In £RT)). Detailed 
descriptions of this method are provided in References 33 
and 34. Figures 8(a) through (c) show the Act vs £ and £ 
vs 1/r plots for CPNiAl-1, CPNiAl-2, and NiAI-Si. Acti- 
vation energies in the range 86 to 102 kJ/mol were ascer- 
tained for all three alloys by this technique. 

Activation energies determined by all three methods are 
summarized in Table II and are in very good agreement 
with the activation energies determined for SSA in poly- 
crystalline NiAl (70 to 76 kJ/mol) 1 ' 5 19201 and are only mar- 
ginally less than the activation energy for serrated flow in 
single-crystal NiAl reported by Brzeski and co-workers 
(115 and 134 kJ/mol). 15 161 

C. Optical Microscopy and TEM Observations of 
Deformed Samples 

Representative TEM bright-field images of the disloca- 
tion structures after deformation at room temperature, in the 
DSA regime, and above the DSA regime for the various 
alloys are shown in Figures 9 through 13. Diffraction con- 
trast analysis revealed that deformation occurred by the mo- 
tion of (OOl)-type dislocations at all temperatures. Figure 9 
shows the deformation microstructures in CPNiAl-2 sam- 
ples deformed at room temperature to two different strain 
levels. In agreement with previous observations, 1,535-381 the 
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Fig. 5 — The effect of temperature on the shape of the flow curves of HP- 
NiAl and UF-NiAll deformed at e = 2.8 X I0" s s'. (a) and (b) HP- 
NiAl following unixial deformation and strain-rate change experiments 
(c) UF-NiAll following strain rate change experiments near 5 pet plastic 
strain. The arrows in (a) denote the location of the 0.2 pet offset yield 
stress. 

microstructure consists of jogged and curved dislocation 
segments and dislocation debris in the form of elongated 
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(b) 

Fig. 6 — The influence of £ and T on the critical strain for the onset of 
serrated flow, £ rt for CPNiAl-1, CPNiAl-2, and NiAI-Si: (a) In e vj In £ t 
and (6) In £ r vs \/T. 


loops. At high strains (Figure 9(b)), the dislocations arrange 
themselves into cellular networks containing a low volume 
fraction of intercellular dislocations or debris. Such struc- 
tures are attributed to the easy cross-slip of screw disloca- 
tions during room-temperature deformation.* 35 ” 38 * 

Figure 10(a) shows the deformation microstructure of a 
CPNiAl-1 sample deformed at 700 K in the DSA regime. 
The microstructure of CPNiAl-1 consists of poorly defined 
cells or the beginning of a vein structure with the densest 
cell walls oriented parallel to the (110) crystallographic di- 
rection. Coincident with this deformation structure was a 
relatively high density of dislocations within the cell walls 
Figure 10(a). Cell walls in non-(HO) directions were par- 
ticularly poorly defined indicating some sort of localized or 
planar deformation process in this temperature regime. This 
structure is reminiscent of the ones developed during low- 
cycle fatigue testing of ferritic Fe-24Cr-4Al l39] and poly- 
crystalline NiAl in the DSA regime. 1401 Similar deformation 
microstructures were observed in (1 10)-oriented CPNiAl-2 
and NiAI-Si. An example of the structure that evolved in 
the NiAI-Si alloy following deformation at its SRS mini- 
mum is shown in Figure 10(b). In this case, the cell walls 
oriented parallel to the (100) direction. Similar observations 


B 

(0 

cr 

c 

'2 

55 


(c) 


B 

« 

oc 

c 

2 

55 


B 

c3 

oc 

c 

2 

55 


Temperature (K) 

O o 

OOOOO o o o 

*- O O © O o © o 

*-*-©*> r. «> y> 



1 - , L 


♦ no serrations 
O serrated flow 


CPNiAl-1; 

(123] OftieNTATION 


♦ ♦ ♦ ♦ 


0.5 1.0 1.5 2.0 , 2.5 3.0 3.5 

1000/T (K ) 

(a) 

Temperature (K) 


onset’ ‘ 



\ "4 * 4 

♦ 

O 

no serrations 
serrated flow 

CPNIAJ-2 


[110] ORIENTATION * ] 



♦ 









♦ * 





0.5 1.0 1.5 2.0 , 2.5 3.0 3.5 

1000/T (K' 1 ) 




♦ 

no serrations 

O 

serratod flow 


NlAI-SI ! 
tl10]ORltNTATldM 


♦ ♦ • 


0.5 1.0 1.5 2.0 , 2.5 3.0 3.5 

1000/T (1C 1 ) 

(C) 

Fig. 7— Plots of In e vs I IT for CPNiAl-1, CPNiAl-2, and NiAI-Si 
illustrating the T-k regimes for the occurrence of serrated flow, (a) 
CPNiAl-1, 0 b ) CPNiAl-2, and (c) NiAI-Si. 


have been reported previously for (1 10}-oriented conven- 
tional purity NiAl single crystals.* 41 42 - 43J 

Figure 1 1 shows the deformation substructure observed 
in CPNiAl-1 following deformation at 1000 K. This struc- 
ture was characterized by a much lower dislocation density 
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Fig. 8 — Plots of the stress drop at 2 pet plastic strain vj € at constant T and f vs MT for CPNiAl-1, CPNiAI-2, and NiAl-Si illustrating use of the stress 
drop method for determining activation energy. 1 ” 1 (a) and (b) CPNiAI-l, (c) and (d) CPNiAl-2; and ( e ) and (/) NiAl-Si. 


Table II. Summary of the Activation Energies for Serrated Flow Evaluated Using Different Methods for Conventional Purity 

and Si-Doped NiAl Single Crystals 




Activation Energy, Q (kJ/mol) 


Method Employed to Evaluate Q 

CPNiAl-1 

<123> 

CPNiAI-2 

<110> 

NiAl-Si 

<110> 

CP-NiAl 

<110> 

CP-NiAl 

<I10> 

(1) From log s c vs MT plots 

94 

82 

71 

— 

— 

(2) From onset of log £ vs MT map 

66 

77 

68 

1 1 5 m 

1 34i 161 

(3) Stress drop method 

102 

88 

86 

— 

— 

Average Q for the onset of serrations using methods 
1 through 3 

87 ± 19 

82 ± 7 

75 ± 10 
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Fig. 9 — Room-temperature deformation structure observed in CPNiAI-2: 
(a) after —0.2 pet plastic deformation and ( b ) after —2 pet plastic 
deformation. 

than that observed at 300 K or at the SRS minimum and 
the general lack of a cell structure. This is attributed to the 
greater relaxation and recovery effects which become im- 
portant at this temperature. 

In NiAl-Mo following deformation at the SRS minimum 
(Figure 12), structures consisting of poorly defined cells 
and dislocation tangles were observed. However, the vein 
structures observed in CPNiAl-1 were not as evident, 
though the densest cell walls were again those aligned 
along (110). In addition, a lower density of intercellular 
debris and dislocations was observed even after levels of 
deformation equivalent to those in CPNiAl-1. In HP-NiAl 
(Figure 13(a)), cellular structures characterized by large, 
loosely packed cell walls with very little intercellular debris 
were observed, indicating a much greater ease of cross-slip 
in this alloy compared to either CPNiAI-i, NiAl-Si, or 
NiAl-Mo at comparable intermediate temperatures. On 
occasion, single slip bands were observed propagating 
across the sample (Figure 13(b)), indicating some localized 
slip processes but not to the same degree as in the other 
alloys. 


(b) 

Fig. 10 — Deformation structures observed in CPNiAl-1 and NiAl-Si after 
— 17 pet plastic deformation, (a) CPNiAl-1 at 700 K and (6) NiAl-Si at 
700 K. 



Fig. 11 — Dislocation morphology observed in CPNiAl-1 after 11 pet 
deformation at 1000 K. 
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Fig. 12 — Deformation structure observed in NiAl-Mo after 9 pet plastic 
deformation at 700 K. 


Additional evidence for planar slip processes in the DSA 
regime was revealed in the optical morphology of slip 
traces on the various specimen surfaces (Figures 14 and 
15). Slip bands were observed throughout the gage of all 
specimens and at all test temperatures similar to the behav- 
ior shown in Figure 14 for CPNiAl-1. In CPNiAI-1, for 
example, indistinct slip traces were observed on specimens 
tested at room temperature (Figure 14(a)). However, as the 
test temperature was increased towards the SRS minimum, 
the slip traces became more distinct and more coarsely 
spaced (Figures 14(b) through (d)). At temperatures well 
above the SRS minimum, more indistinct, finely spaced, 
and diffuse traces were again observed (Figure 14(e)). In 
the (123)-oriented specimens, single slip traces were pre- 
dominantly observed, whereas in ( 1 1 0)-oriented specimens 
intersecting slip traces from multiple slip systems were 
common. An example of this is illustrated in Figure 15. In 
agreement with prior studies, 1 1,35,441 slip trace analysis con- 
firmed that slip occurred on {110} or {100} planes with 
the actual slip plane being dependent upon specimen ori- 
entation. In <1 10)-oriented specimens, traces consistent with 
{100} slip planes were typically observed, while traces con- 
sistent with {110} slip planes were observed in <123)-ori- 
ented specimens. The DSA and serrated flow behavior were 
observed to the same extent regardless of the operative slip 
plane. 


IV. DISCUSSION 

A. Manifestations of Dynamic Strain Aging 

The temperature-dependent properties (/.e., CRSS/£, 
SRS, and 6/E) and the deformation substructures exhibit 
several features that can be associated with the occurrence 
of strain aging. First, the temperature dependencies of the 
CRSS/£ and 0/E should decrease with increasing temper- 
ature. In the cases of the CPNiAI-1, CPNiAl-2, UF-NiAll, 
NiAl-Mo, and NiAl-Si alloys, however, anomalous regions 
in the form of local peaks or plateaus were observed in the 



(a) 



(b) 


Fig. 13 — Deformation structure observed in HP-NiAl after 9 pet plastic 
deformation at 725 K. (a) Cellular morphology typical of most samples 
and (/>) a single deformation band observed in one of the foils. 


temperature range of 650 to 1000 K. No similar features 
were observed for HP-NiAl. 

Second, the temperature dependence of the SRS exhib- 
ited distinct minimums for all six alloys in low and 
intermediate temperature ranges, with SRS actually becom- 
ing negative for CPNiAI-1, CPNiAl-2, and NiAl-Si in the 
intermediate temperature range. Coincident with this region 
of negative SRS was the observation of serrated flow during 
mechanical testing, which directly supports the premise that 
DSA occurs in this intermediate temperature range in NiAl. 
In HP-NiAl, NiAl-Mo, and in UF-NiAll, SRS always re- 
mained positive and serrated flow was not observed. How- 
ever, flow-stress transients on changes in strain rate in the 
form of sharp upper yield points were consistently observed 
during testing near the SRS minimum in UF-NiAll and 
NiAl-Mo, which are again indicative of DSA. No flow- 
stress transients were observed at intermediate temperatures 
during the testing of HP-NiAl. Additionally, SRS minima 
were observed to occur at lower temperatures than the 
CRSS/£ or 0/E maxima. Such observations support the no- 
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Fig. 14 — Optical micrographs of the gage section CPNiAM samples deformed in tension over the temperature range 300 to 1000 K. (a) 300 K, (A) 500 
K, (c) 600 K, ( d) 750 K, and (e) 1000 K. Note the presence of coarse slip traces at 600 and 750 K. 


tion of a DSA effect . 130 * 31451 Classical theory 131451 indicates 
that during the occurrence of DSA, dislocation motion is 
characterized by a waiting time t w during which dislocations 
are temporarily arrested at obstacles in the slip path. During 
this waiting time the dislocations can be further pinned by 
diffusing solutes. This causes the obstacles to dislocation 
motion to become stronger with increased waiting time and 
results in an enhanced resistance to plastic deformation. 
The SRS is said to become minimum when the time re- 
quired to pin a dislocation t a becomes equal to the waiting 
time. Thus, when t w is fixed by fixing the strain rate, 
strengthening will become maximum when the temperature 
becomes high enough that t a « t w , i.e., maximum 
strengthening will occur at higher temperatures than the 
SRS minimum. 

Third, distinctively coarse slip traces were observed on 
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the surfaces of specimens deformed in the intermediate 
temperature range, while finer traces persisted outside of 
this temperature regime. Slip-trace analysis confirmed that 
these traces were preferentially oriented along specific crys- 
tallographic directions based upon the initial orientation of 
the crystal. More detailed analysis of the dislocation sub- 
structures formed during deformation at temperatures both 
below and above the regime where serrated flow occurs 
were characterized by cell structures and dense tangles. 
These structures are characteristic of intense cross-slip at 
low temperatures or dislocation climb at high temperatures. 
In contrast, the substructure formed in the DSA regime was 
typified by a coarse dislocation vein structure. An important 
additional feature in samples exhibiting serrated flow is that 
the regions between the dislocation walls often contain a 
rather uniform dislocation distribution. It is proposed that 
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Fig. 15 — Optical micrograph of NiAl-Si deformed in compression at 800 
K. illustrating interesecting (100) slip traces. 


these interwall dislocations result from solute locking of 
slow-moving dislocations between slip bands. Inhomoge- 
neous deformation occurs as a result of differential move- 
ment of dislocations within and between the dislocation 
walls. 

Based on the results described here, it is possible to at- 
tribute the anomalous mechanical behaviors observed in 
this study to DSA or the migration of solutes to mobile 
dislocations during deformation. Additional confirmation of 
this phenomenon is provided by SSA and DSA studies per- 
formed on soft-oriented single crystals* 5,6 ' 916 " 1 * 1 and on po- 
lycrystalline NiAl, [M * ,5J9201 wherein serrated yielding, flow 
stress transients, and a t 273 time dependence of the yield 
point return have been observed in conventional purity and 
in carbon doped NiAl alloys. 

B. The Diffusing Species 

It is possible to ascertain the species responsible for 
strain aging by examining the data generated in this study. 
In Section III, it was noted that the values for the exponent 
(m 4- P) were within the range 0.9 to 1.3. Typically when 
(m + ft) is between 2 and 3, the specie resulting in serrated 
yielding is a substitutional element, whereas when ( m 4 p) 
is in the range 0.5 and 1, an interstitial specie is responsi- 
ble.* 301 Additional inferences can be made by comparing the 
calculated activation energies for strain aging with the lim- 
ited diffusion data available for NiAl. Independent of com- 
position, the average activation energy for the diffusion of 
substitutional elements in NiAl is in the neighborhood of 
225 ± 39 kJ/mol, which is somewhat inconsistent with the 
activation energy for the formation and migration of va- 
cancies in NiAl which is closer to 300 kJ/mol. 1131 Nonethe- 
less, as indicated Section III, the experimentally determined 
activation energies for strain aging lie within the range 70 
to 100 kJ/mol, which are far lower than those required to 
move substitutional solutes or point defects and which are 
within the range for the diffusion of interstitial solutes in 
bcc metals (Table 111). 

The specific interstitial species responsible for DSA can 
be identified by comparison of the deformation behavior 
for the six single-crystal alloys vs their composition and the 


Table III. Activation Energies for Diffusion of Solutes and 
Point Defects in Metals and Alloys (kJ/mole) 


Element/Point Defect* 


Alloy/ 

Metal 

H 

C 

N 

O 

Vacancy 

subst. 

solutes 

V 

— 

114 

143 

121 

— 

— 

Nb 

— 

138 

146 

113 

— 

— 

Ta 

25' 46 ' 

161 

158 

107 

— 

— 

Cr 

— 

— 

102 

— 

— 

— 

Fe 

8.4 

12 to 13 

80 to 84 

73 to 78 

— 

— 

- — 

W 

— 

169 

— 

— 

— 

— 

NiAl 

— 

— 

— 

— 

— 300 1131 

— 225' 131 


Data taken from Ref [47] unless otherwise noted. 


results from previous studies. 114 15 19 201 In these previous 
studies, O and N were ruled out as the cause of SSA effects 
in polycrystalline alloys. In this study, serrated flow was 
observed in CPNiAl-1, CPNiAI-2, and NiAl-Si, but, not in 
HP-NiAl, UF-NiAll, or NiAI-Mo. In HP-NiAl, the C and 
Si concentrations were much lower than those observed in 
CPNiAl-1, CPNiAl-2, or NiAl-Si (i.e., 76 at. ppm C vs 
>150 at. ppm C and 500 at. ppm Si vs >1500 at. ppm Si), 
which suggests that the lack of serrated flow in HP-NiAl is 
related to reductions in the C anchor Si contents. That both 
elements are important for the observation of DSA is sup- 
ported by the results of Weaver* 151 and the results of Hack 
and co-workers* 5 6 - 9 16 171 and Brzeski.* 181 Weaver showed that 
yield-point formation is enhanced and that serrated flow is 
observed in conventional-purity polycrystalline alloys con- 
taining >1500 at. ppm Si in addition to normal levels of 
C (approximately 150 at. ppm). Similarly, Hack and co- 
workers and Bizeski observed dramatic increases in fracture 
toughness following intermediate temperature annealing 
and serrated flow in soft-oriented single crystals containing 
between 145 and 470 at. ppm C and between 1300 and 
2500 at. ppm Si. When C is maintained at levels compa- 
rable to the conventional-purity single-crystal alloys but Si 
is reduced to less than 100 at. ppm, as in the case of UF- 
NiAll, serrated flow is not observed but yield stress tran- 
sients upon an increase in strain rate and a yield-stress 
plateau are still observed between 600 and 900 K. This 
indicates that C still causes some strain-aging behaviors but 
that Si somehow enhances the effect. Finally, in NiAI-Mo, 
the bulk Si levels were nearly equivalent to those in NiAI- 
Si (i.e., 0.23 vs 0.29 at. pet Si) while the bulk interstitial 
levels were higher than those observed in CPNiAl-1, 
CPNiAI-2, and NiAl-Si, the three alloys that exhibited ser- 
rated flow. However, no serrated flow was observed in 
NiAI-Mo. The microstructural analysis presented in this ar- 
ticle showed that this alloy contains a distribution of coarse 
Mo 2 C precipitates and suggests that the lack of serrated 
flow in NiAI-Mo is due to the gettering of C from the NiAl 
matrix. Were Si the cause for the serrated yielding instead 
of C, it is expected that serrated yielding would also be 
observed in NiAI-Mo since it contains nearly as much Si 
as the NiAl-Si alloy. In addition, if C alone were the cause, 
then it is expected that serrated yielding would be observed 
in UF-NiAll, which contains more C than CPNiAI-2 but 
only 69 at. ppm Si. Therefore, these results strongly suggest 
that the serrated yielding in NiAl is a result of interactions 
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between dislocations and solute atoms, namely C and Si, 
but that C is the main cause for the manifestations of DSA 
observed in the NiAl single crystals investigated in this 
study. 

In Section III, it was noted that two SRS minima were 
observed for each alloy: one at low temperatures and the 
other at intermediate temperatures. Though it is tempting 
to attribute the low and intermediate temperature minima 
to C and Si, respectively, a conclusive statement cannot be 
made at this time. Were the low-temperature SRS minima 
the result of C, it is expected that the conventional-purity 
and Si-doped alloys also would exhibit flow-stress tran- 
sients or serrated flow at low temperatures. Prior investi- 
gations have illustrated, both experimentally and theoreti- 
cally, that two SRS minima due to Snoek ordering and 
Cottrell atmosphere formation are often observed in bcc and 
in bcc-like (e.g., B2) systems when DSA is caused by an 
interstitial specie 14 * -53 * and other systems where interstitial- 
vacancy clusters are known to cause DSA. 1541 Thus, it is 
possible that both minima are caused by the same specie, 
however, more complete investigations of the low temper- 
ature regime are warranted before a definitive conclusion 
can be formulated. 

Furthermore, while it is impossible to devise a definitive 
mechanism by which Si and C can synergistically cause 
serrated flow, it is possible to speculate. First, it is possible 
that Si simply modifies the activity coefficient of C in NiAl. 
It has been observed in austenitic Fe-Mn-C alloys 155 561 that 
the addition of aluminum raised the activation energy for 
the onset of serrated flow by reducing the carbon activity, 
and thus its diffusivity, in these alloys. The opposite effect 
could occur in the case of NiAl, where Si increases the 
activity and diffusivity of C in NiAl and thus decreases the 
activation energy for the onset of serrated flow. The results 
collected in this study indicate that the activation energies 
for the onset of serrated flow in CPNiAl-1 (0.17 at. pet Si), 
CPNiAl-2 (0.15 at. pet Si), and in NiAl-Si (0.25 at. pet Si) 
are similar. Unfortunately, no activation energy could be 
calculated for NiAl containing lower Si concentrations, 
since serrated flow was not observed. 

Second, DSA could be the result of an interaction solid 
solution hardening (ISSH) effect as described in References 
57 through 61. This process is attributed to the strength- 
ening that arises from the simultaneous presence in solid 
solution of substitutional and interstitial atoms that exhibit 
an affinity for each other. The exact reasons for ISSH are 
unknown but depend upon how these solute atoms interact 
with each other and with moving dislocations. 159 * For ex- 
ample, when interstitials bind strongly to dislocations, 
strain-aging effects are caused by the reduced mobility of 
the dislocations which must now drag interstitial atmos- 
pheres along with them. However, if interstitials also bind 
strongly with substitutional solutes, strain aging can be ex- 
tended to higher temperatures due to the reduced mobility 
of the interstitial caused by interaction with the substitu- 
tional solute (i.e., dislocations must now drag interstitial- 
substitutional clusters rather than individual interstitials). 
Diffusion-couple studies between NiAl, Ni } Al, and SiC 16263 * 
have suggested that Si may diffuse as fast as or faster than 
C in NiAl and may result in the formation of complex Ni- 
Al-Si-C phases. This suggests that some clustering of C 


with Si, Ni, and A1 may occur resulting in an expansion of 
the DSA regime and stronger pinning. 

A third possibility is that substitution of a smaller Si 
atom can result in an increased tetragonal distortion in the 
NiAl lattice. Recent theoretical results suggest that Si will 
only occupy A1 lattice positions, 1 1641 whereas other substi- 
tutional elements such as Fe or Ga will tend to occupy the 
site of the stoichiometrically deficient host element. 164651 
Assuming that C atoms occupy octahedral sites, it is the- 
orized that the substitution of smaller Si atoms for Al will 
result not only in a reduction in the size of the octahedral 
interstices but also into more localized distortions of the 
lattice. Similarly, in the cases of Fe or Ga, which occupy 
the stoichiometrically deficient host element sites, the over- 
all distortions in the lattice will be minimized because the 
tetragonal distortions created by interstitial atoms can be 
partially accomodated, resulting in reduced strain-aging ef- 
fects. Recently, serrated yielding has been reported to occur 
over a smaller temperature range in both Fe-doped and in 
Ga-doped single-crystal alloys, 1661 which suggests that there 
might be some validity to this potential mechanism though 
more work is needed. 

Determination of the actual mechanism behind the syn- 
ergistic effect of C plus Si on DSA in NiAl will require 
further study. In light of the fact that Si is frequently present 
in conventional -purity NiAl single crystals grown by the 
Bridgman method due to contamination from alumina-sili- 
cate shell molds, this topic deserves additional attention. 

V. SUMMARY AND CONCLUSIONS 

Five of the six alloys examined in the present study ex- 
hibit yield stress and work-hardening plateaus or small 
peaks in the temperature range 650 to 1000 K, indicative 
of DSA. In HP-Ni Al, anomalous behavior was not evident. 

Pronounced regions of negative SRS have been observed 
in conventional-purity (CPNiAl-1 and CPNiAl-2) and Si- 
doped (NiAl-Si) alloys in the temperature range 600 to 800 
K. Coincident with this temperature regime was the occur- 
rence of serrated flow (i.e., the PLC effect). 

In the temperature range where serrated flow occurs, the 
dislocation distribution consists mainly of thick dislocation 
walls or the beginning of a vein structure indicating local- 
ized slip. In HP-NiAl and NiAl-Mo, the dislocations main- 
tain cellular networks indicating more abundant and, 
therefore, easier cross slip. At temperatures above or below 
the regime of serrated flow, well-developed cell structures 
dominate for all alloys. 

Average activation energies for serrated flow have been 
calculated using three methods: 84 ± 10 kJ/mol (e c vs T) y 
73 ± 1 kJ/mol (stress-drop method), and 78 ± 7 kJ/mol 
(Arrhenius method). All values are reasonable order of 
magnitude estimates for interstitial diffusion in bcc lattices 
and agree with prior observations in polycrystalline NiAl 
and with Hack and co-workers. 15 * 69 ,6 * 171 

Overall, these results suggest that a combination of in- 
terstitial and substitutional solutes, namely, C and Si, cause 
serrated flow in soft-oriented NiAl. Small additions of Mo 
to NiAl caused a dramatic increase in yield stress but elim- 
inated the serrated yielding. This latter effect is attributed 
to the gettering of C by Mo. 
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